Ballistic performance, at effective strain rates of (10 4 -10 5 s À1 ), for polymeric dicyclopentadiene (pDCPD)
Introduction
High strain rate mechanical performance is increasingly important for light weight protective equipment in military, aerospace, transportation, and construction industries, where crosslinked epoxies are often employed as resins in fiber reinforced polymer composites (FRPC). High strain rate impact events involve complex compressive, tensile, and shear stress states, multi-mode failure processes, elastic deformation, as well as kinetic energy transfer to the composite [1, 2] . Interestingly, with FRPCs, energy dissipation in the polymer matrix alone can be responsible for 20-35% of the total energy dissipation [3] , however, few studies have focused on improving high rate dissipative capabilities of matrixonly performance in ballistic environments [4] . Epoxy resins that have high stiffness and strength required for structural applications are heavily exploited in fiber reinforced composites, but they are notoriously brittle [5] . Ideally, an epoxy resin would have high stiffness and high T g while having the ability to dissipate energy over a broad range of temperatures and strain rates.
Along these lines, ballistic characterization of polymers with high velocity projectiles typically results in effective strain rates of 10 4 -10 5 s À1 and has proven to be an appropriate approach for assessing the high rate energy dissipation capability in polymeric materials [6, 7] . One way to quantify this high rate dissipation is to measure the V 50 , which is the velocity at which there is a 50% probability of penetrating an aluminum foil witness target behind the sample due to transfer of fragments (i.e., spall), or complete penetration of the sample and witness target by the incoming projectile. V 50 and its kinetic energy related analogue, KE 50 (KE 50 = ½mV 50 2 , where m is the projectile mass), have proved useful in the understanding of the dissipative capability of metals [8] and polymeric composites [9] . Previous work [6] has shown that, for a variety of epoxy resins, the difference between the measurement temperature (T) and the glass transition temperature (T g ), i.e., T-T g , is important in determining the overall energy dissipation ability of epoxy resins at high strain rates. Specifically, epoxy resins with 30°C above room temperature showed the best ability to dissipate energy at ballistic strain rates [6] . A subsequent study showed that epoxy resins with nanoscale structure composed of glassy and rubbery domains also provided improved ballistic performance [7] , but with some compromise in structural parameters such as temperature dependent stiffness. These works highlight a fundamental trade-off that exists in epoxy resins between structural performance and energy dissipation. A clear need exists for new materials to circumvent this trade-off.
Along these lines, polydicyclopentadiene (pDCPD) is a promising candidate. Crosslinked pDCPD is known for its high toughness [10] , high impact strength, and high T g [11] . pDCPD can be formed by ring-opening metathesis polymerization utilizing a rutheniumbased Grubbs catalyst [12] . Two types of reactions are catalyzed in this method: (i) linear propagation by opening of the highly strained ring followed by (ii) crosslinking by opening of the hexahydropentalene ring. Applications of pDCPD have included self-healing systems of adhesives [13] , polymers [14, 15] , and composites [16] .
In this work, we compare the ballistic performance, mechanical properties, and molecular dynamics simulations of pDCPD with two model amine cured epoxy resins with glass transition temperatures similar to pDCPD, which represent various design alternatives when selecting a matrix material for fiber reinforced composites. We show that the ballistic performance of pDCPD is very high despite its high T g and stiffness, offering the potential for pDCPD based composites to overcome the conventional structural/resin energy dissipation trade-off. We further provide molecular dynamics simulation evidence suggesting that the superior performance of pDCPD is attributed to a lack of strong non-covalent interactions in the cross-linked network and facile nanoscale void formation in response to strain.
Experimental

Materials
Materials used in this study are illustrated in Fig. 1 . Dicyclopentadiene (DCPD, >96%, solid at room temperature), 1st generation Grubbs catalyst, and triphenylphosphine were purchased from Sigma Aldrich. Diglycidyl ether of bisphenol A (DGEBA) was obtained from Miller-Stephenson. Polypropylene oxide based-Jeffamine diamine D-230, having a molecular weight of approximately 230 g/mol, was provided by Huntsman. Cyclic diamine curing agent 4,4 0 -methylenebis(cyclohexylamine) (PACM) was provided by Air Products. All epoxies, curing agents, and DCPD were used as received without further purification.
Formulations of epoxy resins were stoichiometric mixtures in all cases.
A typical batch of pDCPD for V 50 BL(P), dynamic mechanical analysis, and quasi-static mechanical property measurements consisted of 330 g of DCPD with 0.655 g of triphenylphosphine added as an inhibitor [17] to slow the reaction and allow for handling time. This mixture was preheated to 50°C in an oven purged with nitrogen gas. Separately, 0.41 g of 1st generation Grubb's catalyst was weighed out in a glove box under an inert atmosphere, where it was stored while not in use. Thereafter, it was removed from the glove box and dissolved in 9 mL of toluene. This mixture was then added to the DCPD/triphenylphosphine and was stirred until homogeneous, typically around 30 s. Then, the mixture was poured into molds to cure in an oven purged with nitrogen. The cure cycle for the pDCPD was 4 h at 50°C followed by 12 h at 175°C. Epoxy samples were prepared according to a method previously described [6] .
KE 50 measurement
Ballistic impacts were carried out with a 0.22 caliber gas gun at various temperatures according to a previously described procedure [6] . The kinetic energy (KE 50 ) associated with the V 50 was then calculated. Values of KE 50 were normalized to the room temperature value observed for DGEBA/PACM resin. For V 50 measurements at temperatures above or below room temperature, the targets were tested in an environmental chamber (Instron 3119-410). The targets were equilibrated at the elevated temperatures for 24 h under nitrogen gas purge before testing. For selected V 50 ballistic events, high speed videography was performed. The camera was placed behind the target fixture, and the frame rate was set at 100,000 frames per second.
Thermomechanical characterization
Dynamic mechanical analysis (DMA) was performed using a TA instruments Q800 using 17 mm single cantilever mode to measure storage modulus, loss modulus and tan d as described elsewhere [7] . Measurements were performed at a heating rate of 1°C/min from À100°C to 200°C. The glass transition temperature, T g , was obtained from the peak in the tan d. Coefficients of thermal expansion were measured using thermomechanical analysis (TMA) on a Q400 thermomechanical analyzer (TA Instruments, New Castle, DE, USA) using a heat-cool-heat protocol (À60°C to T g + 50°C, 3°C per minute), and the sample was first heated to its post cure temperature to eliminate previous thermal history. 
Quasi-static mechanical property measurements
Testing to determine the fracture toughness of epoxy resins and pDCPD adhered to ASTM D5045-99. Specimens were single-edgenotch bending geometry machined to 0.635 cm Â 1.27 cm Â 12 cm (B Â W Â L). The test span was set at 10.16 cm with a cross head speed of 10 mm/min. A pre-crack was generated by tapping with a cryo-frozen razorblade, and care was taken to generate instantly propagated cracks ahead of the razor tip, rather than non-propagated cracks. Tensile properties were measured by preparing samples machined to the dimensions of Type IV specimens according to ASTM D638-10. The cross head speed was set to 5 mm/min and DIC (digital image correlation) was used to obtain strain values for the duration of the test. For compression properties, cylindrical samples 1.27 cm Â 1.27 cm were prepared and tested using ASTM D695-10 as a guide. The cross head speed was set to 1.3 mm/min. The densities of the thermosets were measured using a Micrometrics Accupyc 1330 pycnometer.
Dielectric measurements
Broadband dielectric relaxation spectroscopic (BDRS) measurements of the materials were performed on a Novocontrol Concept 40 dielectric spectrometer, as described previously [7] . Thin films, typically 200-400 lm in thickness, were sputtered with gold/palladium electrodes approximately 30 mm in diameter. Due to its low dielectric loss, a thinner, 50 lm thick pDCPD film was prepared by curing DCPD between two silicon wafers, using 50 lm silica spacers to define the film thickness. All samples were measured isothermally every 2.5°or 5°from À150°C to 200 or 220°C. The complex dielectric constant (e ⁄ = e 0 À ie 00 ) was measured from 10 MHz to 10 mHz under an applied potential of 1.5 V. For all dielectric constant/loss values reported, the standard deviation of the measurement is less than 1%.
Simulation methods
To examine the molecular mechanisms underlying mechanical performance, atomistic molecular dynamics simulations of crosslinked poly(dicyclopentadiene) networks were conducted. Our goal was to construct a model with molecular weight between crosslinks (M c ) similar to the experimental value (670 g/mol), thus we constructed pDCPD networks with six repeat units between crosslinks. To compare with the experimental epoxy networks, we constructed a model consisting of DGEBA crosslinked with PACM and D230. As in our previous work [18, 19] , five replicas of each network composition were constructed, each with relatively large sizes ($200,000 atoms) to reduce the statistical uncertainty of the calculated properties. The crosslinked networks were constructed in the rubbery state using the Monte Carlo simulated annealing approach [20] , then slowly cooled into the glassy state (150 K) using the LAMMPS simulation package [21] . We have described the details of this procedure and the molecular dynamics simulations elsewhere [19, 22] . Deformation of the model networks was conducted with uniaxial extension simulations at an engineering strain rate of 10 8 s À1 up to 35% strain, and five replica network structures were simulated for a total of 15 samples per network. We modeled strains up to 35% which, while not experimentally observed for the present systems, may be observed locally on the nanoscale within a polymer matrix, as macroscopic failure is dictated by flaws within the samples [23] . Furthermore, we monitored bond energies during deformation and found the maximum values ($100 kJ/mol) were much lower than typical covalent bond dissociation energies ($350-600 kJ/mol), indicating that the simulated networks are not unrealistically stressed. We quantified nanovoids in the simulated systems using the program trj_cavity [24] with a grid spacing of 1.4 Å and a requirement that voids are surrounded on all sides. Fig. 2 provides DMA results for all of the thermosets studied. We begin with a discussion of the DMA data as it provides a context for the future discussion of the ballistic performance as DMA provides: (i) the glass transition temperatures of the materials, (ii) relative indication of the stiffness of the material at room temperature as quantified by the storage modulus, and (iii), when coupled with density data, an indication of the molecular weight between crosslinks in the material. The T g , defined as the peak in tan d from DMA measurements [25, 26] , spans a range from 96°C to 164°C, depending on the thermoset. All T g values are well above room temperature. For each resin, the molecular weight between crosslinks, M c , was estimated using the theory of rubber elasticity, where [27] :
Results and discussion
DMA results
Here, E r is the minimum storage modulus in the rubbery region from the DMA results, R is the gas constant, T is the absolute temperature at the minimum storage modulus, and q is the density of the thermoset at this temperature. The density of the material obtained at room temperature was corrected to the appropriate temperature value using the measured coefficient of linear thermal expansion (COTE) as a function of temperature from TMA measurements, assuming the material is isotropic. As shown in Table 1 , the estimated molecular weight between crosslinks is about 670 g/mol for pDCPD, about 550 g/mol for DGEBA/D230 and about 370 g/mol for DGEBA/PACM. Rubber elasticity theory is not strictly valid for highly crosslinked systems, so this will be dubbed the apparent molecular weight between crosslinks, or M c,a . These values are qualitative, but have compared favorably with other empirical methods [27] and provide insight into reasons for the ballistic responses observed below. Theoretical values of M c for epoxies can also be calculated from stoichiometry, i.e., M c,S , assuming full conversion using the equation suggested by Crawford and Lesser [28] . For DGEBA/ D230 and DGEBA/PACM, values of M c,S are 470 g/mol and 460 g/mol, respectively. Clearly, these theoretical results are different from those obtained by measurement and use of rubber elasticity theory. Specifically, the DGEBA/PACM value estimated from measurements is lower than the calculated value, while that for DGEBA/D230 is higher than the calculated value. The reason for the differences between theoretical and experimental values here is likely caused by the difference in stiffness between the PACM and the D230 monomers, although potential differences in defect structure such as loops, or dangling ends could also contribute. As shown in Fig. 1 , PACM has cyclic moieties, which reduces the overall flexibility of the monomer, while D230 is much more linear, and may therefore show more flexibility. This difference can increase the calculated M c,a for DGEBA/D230, while decreasing that of DGEBA/PACM. Interestingly, the pDCPD network structure shown in Fig. 1 and hypothesized in previous work [29] contains carboncarbon double bonds and bulky pendant hexahydropentalene functionality in the chains that bridge the crosslinking junction points, which will increase the chain stiffness and reduce the M c,a calculated from Eq. (1). Qualitative comparisons of M c,a calculated from rubber elasticity coupled with analysis of the relative chain stiffness suggests that the spacing between crosslinking junction points is larger for the pDCPD networks compared to the epoxies. Since the T g of a thermoset is influenced by plasticizers and crosslink density, as well as chain and crosslinking junction point stiffness, the high T g of pDCPD is not likely due to high crosslink density, but rather to the overall stiffness of the chains/junction points due to the presence of rings and double bonds, which prevent the flexibility that would be observed from a less rigid polymer.
KE 50 results
Measurements of KE 50 were performed for the three thermosets studied (pDCPD, DGEBA/PACM and DGEBA/D230) at temperatures ranging from À55°C to 165°C, corresponding to a typical military low operational temperature range and the glass transition temperature of the DGEBA/PACM system, respectively. In addition, the ballistic performance for each resin was directly compared at room temperature, at T g , T g À 50°C, and T g À 100°C. KE 50 results for the resins are plotted as a function of T-T g in Fig. 3(a) , and are normalized to that of DGEBA/PACM measured at room temperature, T = 22°C. Within the figure, the results are compared with previous data [6] showing the KE 50 values for a series of epoxy resins cured with a stoichiometric quantity of various diamines, where the diamine monomer size, functionality, and stiffness were varied in order to manipulate the epoxy T g .
As shown in Fig. 3(a) , the performance of pDCPD well below its T g is remarkable. pDCPD shows approximately a three to fourfold increase in KE 50 over the epoxy formations, with a T-T g range from À200°C to À100°C. In contrast, the DGEBA/PACM formulation shows poor performance throughout the temperature range studied, despite having a T g similar to the pDCPD. The DGEBA/D230 shows poor performance well below its T g , and improved performance near T g . Interestingly, the performance of pDCPD degrades as it approaches T g , presumably due to softening of the material.
In our formulation, pDCPD is catalyzed by the addition of Grubbs catalyst in toluene. This toluene remains in the system after curing, and may provide some plasticizing effect that contributes to the improved ballistic performance. In order to determine if this plasticizing effect has a substantial influence, we performed room temperature ballistic measurements for pDCPD at various volume fractions of toluene of 1.6, 2.8 (base case), and 5.9 vol.%. As shown in Fig. 3(a) , these changes had little influence on the KE 50 . Also, we performed room temperature KE 50 measurements for DGEBA/D230 and DGEBA/PACM samples with 2.8 vol.% added toluene. As shown in Fig. 3(a) , the addition of toluene dropped the T g of both formulations, and the normalized KE 50 value Fig . 3 . Plots of normalized KE 50 as a function of (a) T-T g and (b) measurement temperature. All previous data taken from [6] . Error in the ballistic KE 50 and temperature is similar to the symbol size.
of DGEBA/PACM was unchanged, while that of DGEBA/D230 dropped from about 1.4 to about 1.0. Based on these data we conclude that, while the toluene may change the T g of the pDCPD, it is not expected to have much influence over the ballistic performance at these low concentrations.
A plot of normalized KE50 as a function of measurement temperature is provided in Fig. 3(b) . As shown, pDCPD represents the best performance throughout the temperature range studied, and only shows lower performance at relatively high temperatures. Military applications are focused in the region of interest from À55°C to 75°C, and, as shown, pDCPD exhibits 300-400% ballistic performance enhancement throughout this entire range in comparison to the epoxy resins studied.
To investigate the ballistic failure process in more detail, we observed the ballistic event using a high speed camera at the V 50 value for pDCPD, DGEBA/D230, and DGEBA/PACM at room temperature, as shown in Fig. 4(a)-(c) , respectively. As shown, the pDCPD sample exhibits only local failure near the impact site without significant cracking or spall, while the DGEBA based formulations show a high degree of cracking that is initiated immediately after impact. Remarkably, the failure behavior of pDCPD is more similar to that of a lower T g epoxy elastomer previously studied (DGEBA cured with a 2000 g/mol polyether diamine D2000, T g = À28°C) [6] than those of the DGEBA/D230 and DGEBA/PACM thermosets, which have more comparable T g values. Clearly, the high rate mechanical response of pDCPD is very different than typical highly crosslinked epoxy resins.
The failure during ballistic impact is a complex process that involves multi-axial stress states and mixed mode failure behind the projectile impact site. Fracture is apparent in the DGEBA/ D230 and DGEBA/PACM samples, not only directly behind the impact site where spall is prevalent, but also with the radial growth of cracks away from impact. In addition, compression directly behind the projectile, coupled with tensile and shear deformations occurring adjacent to the impact site, will also provide penetration resistance. The kinetic energy transfer from the projectile to a ''cone'' of polymer upon impact is similar for all these systems, as digital image correlation showed minimal back side deformation outside of the spall area directly behind the impact site. The high speed videography in Fig. 4 , suggests that fracture resistance in the polymer network is important for ballistic response and that pDCPD is a much tougher material system than typical highly crosslinked epoxy resins.
Dielectric spectroscopy results
In order to determine if the relaxation dynamics of each system are responsible for the remarkable ballistic performance, the conductivity-free dielectric loss [30] for each of the systems was investigated, as shown in Fig. 5 . As with most aliphatic polymers [31] , pDCPD is less polar than DGEBA/PACM and DGEBA/D230. The dielectric loss of pDCPD is therefore roughly an order of magnitude less than DGEBA-PACM and DGEBA-D230. Despite the low loss of pDCPD, multiple relaxations were observed. At 1 Hz, pDCPD exhibits three glassy relaxations centered at: approximately À150°C The temperature dependence of the relaxations shown in Fig. 5 are given in Fig. 6 (a) and (b) for the a relaxations and glassy-state relaxations, respectively. At temperatures above approximately 175°C (i.e., the post-cure temperature of pDCPD), pDCPD begins to further crosslink, which manifests itself as a change in temperature dependence for the a relaxation in Fig. 6(a) . This was also observed in the DMA results at similar temperatures. The a relaxations for both the DGEBA-PACM and the DGEBA-D230 epoxies exhibit a classic Vogel-Fulcher-Tammann (Williams-LandelFerry) temperature dependence. The temperature dependence of the glassy-state relaxations were modeled with an Arrhenius function, Eq. (2), where f Max is the relaxation frequency, f o is the frequency prefactor, E a is the activation energy, R is the universal gas constant, and T is the temperature. The fit parameters are listed in Table 3 .
The b relaxations of pDCPD, DGEBA-PACM, and DGEBA-D230 all likely relate to motion associated with a ring-containing moiety, since ring-flips typically exhibit an activation energy in the 60-80 kJ/mol range [31] . Previous work on epoxy systems has shown that b-relaxation behavior in DGEBA-based epoxies is complex and includes both p flip motion of the phenylene groups and transgauche isomerization or other motion of the methylene groups in the hydroxyl ether portion of the cured polymer [32] . The pDCPD b relaxation exhibits a slightly higher activation energy, but it is still in the range of activation energies observed for ring motion. This relaxation could be related to motion of the cyclopentyl crosslinking groups or the uncrosslinked hexahydropentalene groups (see Fig. 1 ). The pDCPD c relaxation is caused by the presence of a small amount of confined water, which has an activation energy of roughly 50 kJ/mol in a broad range of systems [33] .
Although not shown here, the c relaxation disappears after high temperature annealing, further suggesting its origins are from confined water. Results for the c relaxation are shown here to illustrate the state of the pDCPD system under typical curing conditions; it should also be noted that water may also be present in the epoxy resin samples, but is eclipsed by the strength of the b relaxation in those systems. The d relaxation in pDCPD exhibits a lower activation energy of 32 ± 1 kJ/mol, which is slightly lower than the b relaxation of polybutadiene [34] , suggesting the d relaxation may be related to motions of the short segments between the hexahydropentalene pendant and crosslinked cyclopentane groups of pDCPD.
While these BDRS results sheds light on the relaxation behavior of these systems, the relaxations do not provide an obvious reason for the improved performance of pDCPD relative to the epoxy resins. While the E a value of the b-relaxation for pDCPD is about 26% higher than those of the epoxies, the tan d data from the DMA results does not suggest significantly more mechanical energy dissipation in the b-regime compared to the epoxy samples. Our previous work on the ballistic performance of epoxies also suggests b relaxations play a minimal role in highly crosslinked resins [7] .
Quasi-static mechanical property results
Quasi-static compression, tensile and fracture toughness measurements at room temperature and at T g À 50°C, were performed to gain insight into the rate dependent performance and to identify potential quasi-static indicators of improved ballistic response. The relevant results are summarized in Tables 2 and 3 . At room temperature, Table 2 , DGEBA/PACM exhibits brittle fracture in tension with a low apparent tensile toughness (integral of stress-strain to failure) of 0.61 MPa. Tensile yield was not observed for the DGEBA/ PACM system because this network is so brittle at room temperature that flaws in the tensile specimens dominated the large strain response. In contrast, both DGEBA/D230 and pDCPD yield prior to tensile failure, with similar apparent tensile toughness. However, the DGEBA/D230 exhibits a higher tensile yield stress than pDCPD, while pDCPD shows a higher strain at break than DGEBA/ D230. Tensile results for pDCPD are in agreement with the literature [35] .
Tensile results at T g À 50°C are summarized in Table 2 . As expected, the modulus values at T g À 50°C were somewhat lower than at room temperature, but were still sufficiently high to reflect a stiff, glassy polymer. The increased temperature adds sufficient ductility to the DGEBA/PACM system to allow yield to occur, providing a tensile yield stress of 46.4 MPa, which is between that of pDCPD (38.6 MPa) and DGEBA/D230 (55.4 MPa). For both the room temperature and T g À 50°C tensile measurements, pDCPD exhibited a lower yield stress compared to the epoxies and a necking phenomenon at high strains that was not observed in either epoxy resin, leading to higher elongation to break, which demonstrates an enhanced ability to plastically deform.
In compression at room temperature, DGEBA/PACM did not exhibit a strain softening region after yield, while DGEBA/D230 and pDCPD did, which is likely caused by the variations in effective crosslink density, glassy state density, monomer stiffness, and chain-chain interactions between these networks. The yield stress for pDCPD (73.2 MPa) is in good agreement with previous results [35] and the yield stress for pDCPD is lower than either epoxy. Compression testing results at T g À 50°C are provided in Table 2 . All samples exhibited a strain softening region after yield, with yield strength values of 49.3, 58.1, and 70.2 MPa for pDCPD, DGEBA/PACM and DGEBA/D230, respectively. Similar to the tensile behavior, pDCPD exhibits a lower compressive yield stress than either epoxy formulation.
Fracture toughness results at room temperature are shown in Table 2 . As shown, pDCPD is much tougher than either DGEBA/ D230 or DGEBA/PACM. It should be noted also that the pDCPD exhibited a ''tearing'' type behavior during the fracture toughness measurement, which gave the load displacement curve a remarkable tail after the peak load. This is in contrast to the DGEBA formulations, which showed increased load followed quickly by fracture. The pDCPD fracture toughness test was valid according to ASTM D5045-99 at room temperature, due to the low deviation from linearity of the force displacement response near peak load. However, the extended tail after peak load suggests that the pDCPD exhibits tremendous ductility. Finally, fracture toughness values at T g À 50°C are provided in Table 2 (Table 2 and Fig. 3 ). Looking at the quasi-static results, the significant differences that may account for the remarkable behavior of pDCPD relative to the DGEBA formulations are (i) the very high fracture toughness, (ii) the relatively low tensile yield stress, and (iii) the relatively low compressive yield stress. That is, during a ballistic event, pDCPD readily yields in tension in regions adjacent to the impact site and in compression in the region behind the impact site, followed by plastic deformation. Furthermore, the high pDCPD fracture toughness discourages spall and radial fracture propagation, which means that all energy dissipation is routed to the plastic deformation of the material.
At T g À 50°C, the normalized KE 50 values for pDCPD, DGEBA/ D230 and DGEBA/PACM are 2.99, 2.95 and 0.87, respectively (Table 2 and Fig. 3) . In contrast to room temperature, the KE 50 of pDCPD decreased somewhat, that of DGEBA/PACM is approximately the same, and that of DGEBA/D230 increased dramatically. The decrease in KE 50 for pDCPD is likely due to the softening of the material as evidenced by the lower yield stress values. Comparing the quasi-static and ballistic results at both room temperature and T g À 50°C suggests that an optimal yield stress is required for good ballistic performance. Failure during ballistic impact is a complicated phenomenon with multi-axial stress states, mixed mode failure processes, temperature and pressure dependent mechanical response, and a broad range of effective local strain rates. Therefore, the quasi-static results can shed only qualitative insight into the penetration resistance. As such, we performed molecular dynamics simulations to gain insight into the difference in mechanical properties between pDCPD and the epoxy resins.
Molecular simulation results
A pDCPD network with six un-crosslinked monomers between crosslink points (similar to the experimental system), DGEBA/ PACM, and DGEBA/D230 epoxy networks were modeled using atomistic molecular dynamics to study the molecular origins of the experimental observations.
We first studied the role of inter-chain interactions during deformation by monitoring the electrostatic potential energy (i.e., the work required to overcome electrostatic interactions to achieve a particular strain), which captures the effect of hydrogen-bonds, dipole-dipole attractions, and attraction of the atomic partial charges. The pDCPD networks show a negligible increase in electrostatic energy with increasing strain, while for the DGEBA/PACM and DGEBA/D230 networks, the energy increases substantially, Fig. 7(a) . This result supports the idea that strong non-covalent interactions in epoxy resist deformation, thus leading to more brittle behavior, higher modulus, and higher yield strengths, as were observed in the quasi-static experimental data discussed above.
Recent research [36] has suggested that nanoscale void behavior is related to ductility in thermoset systems. To examine the role of nanovoids in determining the mechanical properties of pDCPD and epoxy networks, we quantified and characterized nanovoids during deformation of the crosslinked polymers. Fig. 7(b) shows the distribution of void sizes at engineering strains of zero (filled symbols) and 0.35 (open symbols), and the nanovoid fraction in the epoxy and pDCPD networks as a function of engineering strain (inset). At zero strain, the epoxy and pDCPD networks have similar void size distributions and nanovoid fractions. As strain increases, the void fractions (inset) increase, in the order of decreasing M c,a , i.e., DGEBA/PACM > DGEBA/D230 > pDCPD, which is similar to previous experimental results for voids in networks with varying crosslink density [37] . This indicates that, to locally accommodate higher strains, more nanovoid space is required for the epoxy systems having lower M c,a values, while the high M c,a pDCPD can tolerate high strains with comparatively less void space. Further, the number density distribution at high strains (0.35, open symbols in Fig. 7(b) ) show that epoxies have a larger distribution of void sizes (maximum void size of $7000 Å 3 ) than pDCPD (maximum void size of $1000 Å 3 ). Ongoing simulation studies are aimed at further exploring this phenomenon. To explore the relation between non-covalent interactions and voids, we examined the effect of voids on the potential energy of nearby atoms by computing the non-bonded potential energy (i.e., van der Waals and electrostatic energies [38] ) for atoms near voids (within 6 Å) and for atoms in the bulk polymer. The energy difference between atoms near voids and in the bulk polymer, i.e., the energetic cost for moving an atom from the bulk to near a void, is shown in Fig. 7(c) . For pDCPD, the energy difference is near zero for all strains studied, indicating that it is not unfavorable for atoms to reside near voids. In contrast, the energy difference for epoxies increases rapidly as strain increases, indicating that it becomes unfavorable for atoms to reside near voids under higher strain.
While more research is on-going to elucidate the molecular mechanism of deformation (we are pursuing positron annihilation lifetime spectroscopy measurements to confirm the simulation findings), we postulate a general explanation for the superior performance of pDCPD relative to the epoxy resins based on the experimental and simulation results presented above. The low M c,a values in the epoxies mean that the epoxy networks must develop more nanoscale void volume to accommodate higher strains due to geometric constraints induced by the high crosslink density. However, this void formation is energetically unfavorable in epoxies due to the need to break the strong electrostatic interactions to create or expand a void. Straining the epoxy therefore requires more work, which leads to a higher modulus, a higher yield stress, and embrittlement. In contrast, the higher M c,a of pDCPD requires less nanovoid volume development to accommodate higher strains. Furthermore, void formation in pDCPD at higher strains is energetically neutral due to the lack of strong electrostatic interactions. Therefore, void formation and growth can occur with less work, leading to a lower modulus, a lower yield stress, and more facile plastic deformation.
Conclusions
These results demonstrate that pDCPD can circumvent the common structural versus energy dissipation trade-off encountered in highly crosslinked epoxy resin systems, as evidenced by the quasistatic and ballistic comparisons with both DGEBA/PACM and DGEBA/D230 resins. Quasi-static compression, tension and fracture toughness measurements were consistent with ballistic performance in that the pDCPD showed high fracture toughness, low yield strength in tension, and low yield strength in compression. Examination of the relaxation behavior by dielectric spectroscopy and DMA suggested that glassy-state relaxations are not the primary cause of the excellent high strain rate behavior of pDCPD. Further, molecular dynamics simulations of these networks suggest that pDCPD requires less nanovoid volume formation to accommodate strain due to its high M c,a , and also lacks the strong non-covalent interactions of the epoxies. Therefore, pDCPD can more easily accommodate higher strains via the development of nanovoids during deformation. This research has important implications for light weight protective materials in a broad range of industries including military, aerospace, transportation, and construction technologies, where pDCPD is becoming a candidate material as a polymer matrix in high performance composite applications. Preliminary results for glass fiber reinforced pDCPD composites (not shown) have demonstrated that the improved bulk resin ballistic performance can translate into improved composite impact performance. However, substantial research is required to exploit pDCPD as a resin in fiber reinforced composites, particularly relative to composite processing and optimization of the fiber-pDCPD resin interface. This is a focus of ongoing research. 
